Fracture toughness and fracture mechanisms in Al 2 O 3 /Al composites have been described. The unique flexibility offered by pressureless infiltration of molten Al-alloys into porous alumina preforms has been utilised to investigate the effect of microstructural scale and matrix properties on the fracture toughness and the shape of the crack resistance curves ( R -curves). The results indicate that the observed increment in toughness is due to crack bridging by intact matrix ligaments behind the crack tip. The deformation behaviour of the matrix, which is shown to be dependent on the microstructural constraints is the key parameter that influences both the steady state toughness and the shape of the R-curves. Previously proposed models based on crack bridging by intact ductile particles in a ceramic matrix have been modified by the inclusion of an experimentally determined plastic constraint factor (P) that determines the deformation of the ductile phase and are shown to be adequate in predicting the toughness increment in the composites. Micromechanical models to predict the crack tip profile and the bridge lengths (L) correlate well with the observed behaviour and indicate that the composites can be classified as i) short range toughened and ii) long range toughened based on their microstructural characteristics.
INTRODUCTION
Ductile phase reinforced ceramics [1] [2] [3] [4] [5] , interpenetrating phase composites [6] [7] [8] and metal matrices with high volume fraction of ceramic reinforcements (> 50%) [9, 10] are emerging as important classes of materials with potential for structural applications requiring high specific modulus, strength and toughness. The high strength and toughness in these materials are shown to be a direct consequence of energy dissipating toughening mechanisms that reduce the crack driving force at the crack tip [11] . Although fracture behaviour has been studied extensively; the contribution of any single mechanism to increasing the crack resistance is rather difficult to estimate, and a dominant mechanism is often known to mask the effect of other operating mechanisms. The predominant mechanism of strengthening and toughness enhancement in these classes of composites has been identified as bridging of flaws and cracks by intact ductile phase in the wake zone behind the crack tip [12, 13] . The bridging ligaments exert closure stresses which reduce the stress intensity at the crack tip and offer resistance to further crack opening or propagation (R -curves). Thus, in such materials that exhibit wake controlled toughness behaviour, it is observed that the applied load and the crack opening displacement (COD) are strongly coupled and the COD measurement for predicting crack length becomes functionally dependent on specimen geometry and distance from the crack tip. As shown in figure 1 a single crack is observed to start from the notch with bridges in the wake of the crack tip. Initially, the length of such a wake zone (L o ) is identical with the distance between the crack tip and notch
tip. An increase in the length of this shielding wake zone necessarily diminishes the driving force at the crack tip, i.e., an increase in macroscopic crack resistance is measured with crack extension. With further crack propagation, the wake zone length follows the crack tip until a plateau-like saturation (steady-state toughness) in resistance is reached, corresponding to a critical amount of COD. In earlier work, the R-curve was assumed to be a material property.
Later, it was observed that there is no unique R-curve for these materials, i.e., the shape of the curves and the increase in crack resistance depended on the depth and location of the initial crack, specimen dimension, testing conditions and evaluation method [14] [15] [16] [17] [18] [19] [20] . In ceramic-metal composites, the shape of the R-curve was also found to be dependent on the deformation characteristics of the bridging ductile ligaments. The toughening contribution by plastic deformation of the ductile phase is governed by the yield strength of the ductile constituent, the debonding at the matrix/particle interface and the uniaxial flow stress under constraint imposed by the rigid brittle phase. The changes in unaxial stress, σ, of the bridging ligament with crack opening, 2u, can generally be represented by a stress displacement function σ(u), which uniquely describes the ligament deformation characteristic [21] . The shape of the σ(u) function determines the way in which the crack resistance develops as the crack grows and thus controls the final steady state toughness. A general schematic representation of the different σ(u) function of ligaments with high and low levels of mechanical constraint is shown in figure 2 [22] . If the mechanical constraints for the deforming ligaments are high, the corresponding peak stresses are high (approximately 18 times of the initial matrix strength σ o ) as observed in the case of fine particles [23] and final fracture occurs at relatively lower critical extension, 2u*.
Conversely, if the mechanical constraints are lowered either due to larger debonding, premature fracture of the brittle phase or coarse microstructural scale in the matrix, the peak stresses in the ligament tend to be closer to the initial matrix strength σ o but fracture occurs at higher 2u*. The overall energy observed is thus a combination of both the peak stress σ y and 2u* and can be approximated by the area under the σ(u) curve.
Previously reported work on toughening by ductile constituents embedded in a brittle phase has been on materials processed through routes such as directed melt oxidation [24, 25] , pressure infiltration [26, 27] , reactive melt penetration [28] , etc. and are restricted to a narrow range of microstructure scale, either in particle size or in volume fraction. Pressureless infiltration of molten alloys into porous ceramic preforms, on the other hand, enables the fabrication of composites to near-net shapes with unique flexibility in fabricating composites with highly controlled and diverse microstructures with respect to the size, aspect ratio and volume fraction of both ductile and brittle phases [29] [30] [31] [32] . In addition, by varying the process conditions it is possible to tailor the matrix to be either predominantly alloy [29] or an interpenetrating structure with another brittle constituent (AlN) [33] . The present work is an investigation on the fracture toughness of Al 2 O 3 /Al -AlN composites fabricated by pressureless infiltration of Al-alloys into preforms of alumina. An attempt has been made to determine and explain the shape and spatial extent of the R-curves displayed by these composites with wide variations in microstructural scale and in matrix flow stress. Existing quantitative and qualitative models based on crack bridging by intact ductile ligaments have been extended to predict the observed trends in crack resistance of the composites. This paper deal specifically with the role of physical microstructural variables, i.e. particle size and volume fraction. A companion paper examines the effect of phase changes induced by ageing treatment and the presence of AlN in the matrix.
EXPERIMENTAL PROCEDURE

Material
Al 2 O 3 /Al composites were fabricated to near-net shape by pressureless infiltration of AlMg-Si alloy (Al-5.5Mg-6.6Si-0.35Fe) into alumina preforms at 900°C in N 2 atmosphere [34] .
The net-shaped preforms were made by cold pressing and sintering of alumina powder. The microstructures of the resulting composites are shown in figure 3 (a-d) . To reduce the volume fraction to ~30 % of particulate in the composite, preforms were prepared using base alloy powder as the binder. The actual volume fraction and mean size of the particulates in the composites were measured by an image analyser attached to an OLYMPUS microscope and are given in table 1. Compact tension (C-T) specimens of dimensions 16 x 15 x 6.5 mm. were cut from the fabricated composites in a direction transverse to the infiltration direction and ground to their final dimensions. The specimens were homogenised at 500°C for three hours prior to quenching in air and one of the surfaces was polished to a finish of 1µm to facilitate observations of pre-cracking and crack growth.
Fracture testing
The specimens were notched straight through with a diamond blade of 0.3 mm thickness in a high speed diamond saw and a stable pre-crack was introduced by the bridge indentation technique [35] . Fracture toughness measurements were performed according to ASTM E399 specifications. However, for crack growth studies, the initial crack length was restricted to 0.2W and crack growth was monitored from changes in specimen compliance by a clip gauge (resolution of 0.1µm) that measured the crack opening displacement (COD). The COD measured between two knife edged stubs attached to the crack surface (Fig. 4) was calibrated through the use of specimens with known crack lengths in the composite. A typical compliance curve for predicting crack length is shown in figure 5 along with the computed variation for this geometry [36] . Tests were carried out in a screw-driven Instron under displacement control at a crosshead speed of 6µm/min. and the specimen was loaded to failure. The fractured surfaces were examined by scanning electron microscopy (SEM -JEOL 840 SM). In some cases the test was interrupted and the sample was examined in the SEM to observe the microstructural changes during crack growth.
RESULTS
The fracture toughness values of the Al 2 O 3 / Al composites processed by pressureless infiltration of Al-alloy into alumina preforms in the temperature range of 900-1000°C were measured to be in the range of 9-16 MPa√m (table 1). The toughness of the composites decreased with increasing particulate volume fraction, except in sample C 1 which had higher bulk porosity due to settling and segregation of particles during processing [33] . However, at a given volume fraction, the particle size was not found to have a significant effect on the toughness of the composite. A typical load vs. COD trace of the specimen during crack growth studies is shown in figure 6 . The R-curves for the composites computed from the load vs. COD data were observed to start from ~ 2-4 MPa√m which is close to the intrinsic toughness of the microstructure, and reached a final toughness values of 9-19 MPa√m after stable crack growth (Fig. 7 a-b) . The shape of the crack resistance curve, however, showed a marked dependence on the microstructural scale. In composites with a fine microstructure or a higher volume fraction of particulate, the crack resistance rose sharply and began to flatten at short crack extensions; while in composites with a coarser microstructure or smaller particulate fraction the onset of steady state behaviour was reached at larger crack extensions. The crack growth characteristics of all the composites were observed to be similar, irrespective of the microstructural parameters.
The crack growth behaviour indicated various operating toughening mechanisms. However, features such as crack deflection/meandering or micro-cracking of the reinforcing particle ahead of the crack tip were on a small scale and their contribution to the overall toughness was masked by the predominant toughening mechanism of crack bridging by intact matrix ligaments. SEM observations of crack growth and the crack tip revealed the formation of matrix ligaments bridging the two crack surfaces as shown in figure 8 . The crack was observed to have circumvented the matrix by advancing continuously into the particle/matrix interface or into the brittle reinforcement particles. The intact matrix was observed to be present as bridges holding the crack surfaces over appreciable distances (of up to 5 mm. in composite E), thus, forming a bridging zone. Once the bridges were formed, the deformation behaviour of the intact metal ligaments behind the crack tip ( Fig. 9 ) was observed to be crucial in controlling further toughening in the composite. The deformation and flow behaviour of the metal ligament embedded between elastic particles is observed to be strongly dependent on the nature of the interface between matrix/particle and the physical constraint imposed by the intact elastic particles of alumina. Since strong bonding is expected between Al 2 O 3 /Al-Mg alloys, the constraints are dependent on the microstructural parameters of the composite.
Fracture mechanisms
Particle failure
The crack front was observed to be attracted towards the particles, leading to the nucleation of secondary cracks or voids at the particle/matrix interface. Since, the interfacial bond strength is expected to be high, the crack entered the particles leading to particle fracture (Fig 10 a) . The extent of micro-cracking and particle fracture scaled with the size and inversely with the strength of the reinforcing particle. Incidence of cleavage in the reinforcement particles ( Fig. 10 b) became more evident in composites with particle size above a critical size of ~23µm and at equivalent particle size in the fused and porous alumina.
Matrix failure
A study was made of the relative constraints imposed on the matrix by the largely elastic particles by indenting the matrix and measuring the induced displacement in a dynamic ultra low load micro hardness tester [34] . The indent size was chosen to be approximately 60 % of the matrix spacing and the plastic zone thus formed was calculated [37, 38] from the load- 
ANALYTICAL MODELLING
The common feature of the toughening observed in the composites studied is the presence of matrix ligaments that bridge the crack surfaces. The various aspects of crack bridging parameters and the measurement of crack opening displacement at steady state toughness are illustrated in figure 12.
Matrix contribution to composite toughness
Assuming that linear elastic fracture mechanics (LEFM) still holds, the stresses surrounding the bridged crack can be expressed by stress intensity factor notation. Thus, the equilibrium crack configuration with an applied stress intensity factor K A , crack length c and a crack length dependent fracture toughness K R (c) can be written as [28] ( ) ( )
where, K o is the crack tip toughness and K µi is the toughness from the microstructure which 
where, G A = R(c), the composite crack resistance, R o is the crack tip resistance and R µi is the crack resistance from the microstructure that is dependent on p(u). The stress-displacement function uniquely describes the matrix characteristics and is known to be responsible for the increasing fracture resistance with increasing crack length. Thus, the toughening contribution due to plastic deformation of the matrix alloy is governed by the mechanical properties of the alloy, the interface properties, matrix ligament diameter and volume fraction. In cases where intercrystalline fracture of the reinforcing particles is observed , interlocking grains remain in contact across the crack faces and possibly form frictional bridges that provide additional crack closure stresses.
In the elastic or elastic-plastic case under small scale yielding condition, the stress intensity factor can be related to the strain energy release rate by
where E is the composite elastic modulus.
Combining Eqs. (2) through (4), the fracture toughness at the plateau of the R-curve K ss , obtained at a crack length c ss where the first active bridge fails can be written as
where
is the crack tip toughness of the composites. Observations of the fracture surface reveal that in all the composites, the alumina particles fracture essentially in a transgranular manner. Accordingly, the toughening contribution by elastic bridging can be neglected and equation (5) can be reduced to
Prediction of steady state toughness
When fracture resistance is dominated by plastically deforming bridging matrix ligaments, the stress/stretch function associated with these ligaments, σ b (u), is the key composite property. Assuming that σ b (u) is softening dominated [39] , the relation can be approximately reduced to [40] σ b ≈ σ y ( 1-u/u* )
where u is the crack opening displacement and σ y and u* are constants to be determined either by experiment or by calculation. Furthermore, it is imperative that σ y be a multiple of the uniaxial yield strength of the base alloy σ o .
The toughening increment due to crack bridging by a ductile reinforcement can be estimated from
where is the steady-state toughness, A ∆G SS f is the area fraction of the matrix on the crack plane (1-V f ), σ y is the uniaxial yield strength of the matrix ligament ( = P σ o ), R eff is the effective radius of cross section of the matrix, while χ is a "work -of-rupture" parameter for the matrix. The parameter χ is defined as [41] :
where σ(u) is the nominal stress, u the crack opening displacement and u* the crack opening displacement upon ductile phase failure. χ can be empirically related to the plastic stretch of the matrix ligament u* [41, 42] as 2u* /R. From fracture analysis of the crack surfaces in the composite material, u*/R can be obtained by measurement of the deformed ligament in profile (Fig. 12 ) [40] . Experimental evidence by previous workers [42] have indicated that there is no systematic dependence of u*/R on R and χ can be evaluated from the relationship between χ and u*/ R obtained by Ashby et. al. [41] . The steady-state toughness can thus be calculated as
The model discussed above can be applied in a straightforward manner to predict the toughness of the composites by knowing the yield strength of the base alloy and the yield strength of the matrix ligament. However, in the present study, the base alloy that has been used for processing 
Modelling of crack-tip profile
A micromechanical model from quantitative measurements of the crack displacements and the near-tip crack profile can be used for a comparative study of the observed variation in independently measured fracture toughness (K Q ) and steady state toughness (K SS ) from crack growth studies. For this the crack opening displacements (COD, 2u) for the compact-tension specimen geometry are theoretically computed from measurements at a distance x behind the crack tip as indicated in the schematic diagram (Fig 12) and the Irwin K-field plane strain displacement relation [44] that is assumed to represent the near-tip profiles for stress-free crack surfaces as
where E´ = E / (1-ν 2 ) in plane strain, E is the Young's modulus of the composite material, ν is
Poisson's ratio (= 0.28 [ 43] ) and K A (or K Q ) is the applied stress intensity factor. Equation (11) is expected to remain a reasonable approximation for non bridged cracks extending from sufficiently long notches (∆c « c o as shown in Fig. 12 ) and a parabolic data fit can thus be used In the present case, the crack-tip profile computed from an assumed crack tip toughness ( figure 13 . The crack profile in a composite with coarse microstructure shows a large extent of crack growth to reach a critical COD, while in the fine-scale composite, an increase in critical COD is observed at nearly half the crack growth observed in the coarse composite. The profile can be argued to be reflective of the observed rise in fracture resistance with crack growth (K R -curves) with variation in the scale of microstructure.
Calculation of bridge-zone length( L )
The contribution of matrix ligament fracture to the overall resistance to crack extension may be estimated by assuming that the crack has to propagate through the compressive bridge zone of length L. The critical crack opening displacement 2u* should thus correspond to the elongation of the furthest (from the crack tip) matrix ligament in the bridging zone. At the moment of fracture of the matrix ligament, the critical extension 2u* can be related to the bridging zone length L by the expression [45] ( )
where E is the Young's modulus of the matrix ligament assumed to be equal to that of the base alloy, ν is the Poisson's ratio of the matrix ( 0.33 ), u* is the measured elongation to failure of the matrix and K o is 4 MPa√m (crack tip toughness). The computed bridge zones from the equation 12 are tabulated in table 2. As expected the bridging zone formed behind the crack tip is strongly dependent on the microstructural scale and the matrix heat treatment.
DISCUSSION
The rise in fracture resistance upon crack extension can be attributed to the crack growth characteristics by assuming that the initial crack tip toughness, K o , is independent of initial crack length c o , and that the crack starts to extend when the remotely applied K A , reaches the value of K o . In particulate composites, three types of basic fracture [46] are possible. With the onset of crack growth, the associated high stresses at the crack tip lead to yielding with limited plastic straining in the matrix until the crack reaches the particle/matrix interface. Upon expanding the plastic strain in the matrix, plastic flow involves opening of the crack at the interface and propagation of the crack occurs at a lower stress intensity level along the particle/matrix interface (type 1). If the interface and the matrix are strong, the crack enters the particles resulting in their being loaded to their fracture stress followed by cracking (type 2). If the matrix strength is weak relative to the interfacial and particle strength, fracture occurs in the matrix by normal void nucleation and growth (type 3). A different crack growth mechanism involves particle micro cracking at sites ahead of the crack tip where the tensile stresses are the highest. The micro-cracks coalesce to become a macroscopic crack perpendicular to the applied stress and leaves intact matrix ligaments behind the crack tip as has been observed in matrices with higher reinforcement volume fraction of particulates (>20%) [47] .
The observed crack resistance curves of the composites showed significant differences when compared to figure 1 and the independently measured fracture toughness of the composites are observed to lie either below or near the plateau of the R-curve (represented as K ss ). In the present study, the crack tip toughness, however, could not be estimated as their measurements require precise measurements of COD very close to the crack tip. In-situ observation of crack growth in a SEM by various workers have shown K o to be ~2 MPa√m for alumina [21] and ~2-4 MPa√m in Al 2 O 3 /Al composites [24, 25, 40] . Thus it is probably reasonable to assume that K o is ~ 3-4 MPa√ m for the composites studied. Assuming that the crack tip toughness (K o ) is the same for all the composites studied, further toughening can be attributed to the plastic deformation and failure sequence in the crack bridging ductile matrix ligaments.
The deformation and failure sequence in the matrix are significantly influenced by the their morphology and volume fraction. The composites were processed by a base alloy rich with Mg (6%) which forms a strong interfacial bond with the alumina particles at the processing temperatures employed. The matrix deforming under constraint from the strongly bonded particles shows a near absence of dimpled rupture as expected in ductile fracture, but deforms as ridges which are nearly continuous between the particles. The formation of ridges indicates that considerable plasticity is occurring in the matrix but is very limited in the volume of material involved. Thus, under very low loads, the matrix is largely elastic, with plasticity confined to a region close to the tip of the crack which has blunted in the matrix. In a situation wherein the matrix yields, but the constraint is still high enough (strong interface and no particle cracking), the stress distribution within the matrix is sensitive to events at the blunt tip and tends to involve relatively high levels of hydrostatic stress, and the load supported by the matrix becomes correspondingly high. If the constraints from the stiffer surrounding reinforcing particle can be relieved sufficiently by crack -tip deformation and/or interfacial debonding, the matrix is allowed to neck at a lower stress level within the particle. Moreover, lower nominal stress levels arise because of the decreased load-bearing area. This regime, however, dominates the later stages of deformation when the matrix fails in a highly ductile manner [48] . A deformation regime that is dominated by the nucleation, growth and coalescence of a single large void or a small number of large voids in the matrix can also be visualised [49] . This deformation mechanism has the effect of lowering the constraint on the ligament and leads to fracture surfaces reminiscent of ductile fracture of the base Al-alloy. This mechanism involves smaller failure separation distances than are seen in a fully ductile failure, although extensive plasticity is involved in necking down of the matrix between the voids.
The toughness enhancement due to bridging, however, is expected to be dominated by the contribution from the necking regime, since the high stresses in the constrained plasticity regime persist only briefly. The toughening enhancement is also dependent on the yield stress and strain hardening of the matrix, unless an associated lack of ductility leads to failure at significantly decreased separation distances. The matrix deformation characteristics to a large extent control the shape of the R-curve in the composites. A schematic representation of the observed deformation mode and its influence on σ(u) of the matrix and on the R-curve is shown in figure14. The role of microstructural characteristics on the R-curve may therefore be explained as follows :
Influence of particle size
The intensive as compared to deformation by extensive void nucleation, growth and coalescence (P ~ 1) accounting for the sharp rise to plateau peak toughness.
Influence of particle volume fraction
With increase in particle volume fraction, a marked reduction in the measured fracture toughness and plateau toughness (R-curve analysis) were observed. The reduction in toughness is directly attributed to the reduced volume fraction of the bridging matrix ligaments; thus, higher plateau toughness at larger a/W was observed in composites with a moderate alumina volume fraction of 47-61%. Composites with higher volume fraction of ceramic (~75%), showed reduced fracture toughness and peak toughness values. The large deviation of plateau toughness from measured fracture toughness values that is observed in composites with moderate reinforcement volume fractions (47-61%) can be related to the deformation behaviour of the bridging matrix ligaments. In composites with volume fraction of ~ 75%, the matrix showed failure by deforming as well formed ridges (Fig. 11 f) , however, failure in composites with reduced volume fraction (36-60%) showed extensive striations typical of slip bands (Fig.   11 c) . The slip bands are possibly activated by reduction in constraint, and influence the critical strain to failure of the bridging matrix ligaments. The fracture energy consumed in the first case is much lower than when the second condition prevails, and the matrix ligaments are observed to fail at higher plastic stretch in the lower volume fraction when compared to composites with very high volume fraction of particles.
Toughness modelling
As seen from the table 2 and the plot of the measured and calculated steady state toughnesses (Fig. 15) , the observed trends reflect the variation in the measured fracture toughness of the composites reasonably well. However, in composites D and E, characterised by large reinforcement particles (75-180µm), large matrix spacing (37-95µm) and failure by extensive void nucleation in the matrix, the calculated toughness due to the bridging contribution is observed to be overestimated by almost a factor of 2. The overestimation is likely to be due to two factors. Firstly, the assumption of a uniform matrix size for calculating the matrix contribution to the toughness (equation 4) may not reflect the inherent distribution whose width is observed to increase with particle size. Further refining of the model by including a factor defining the distribution is probably justified [50] . Secondly, significant error can be expected by assuming that deformation is uniform throughout the matrix. The experimentally determined u* is from the matrix that has deformed near the particle and is still affected by the constraint imposed by the particles. However, matrix deformation to failure at lower stress levels and reduced strains is likely to occur at distances significantly away from the particle due Schematic of R-curve behaviour observed in the composites with respect to its microstructural characteristics. Table 1 Relative plastic constraint experienced by the matrix as a function of microstructural parameters Rise in fracture resistance with crack extension in composites with variation in a) particle size, b) particle volume fraction, c) ageing conditions and d) process temperature. Changes in deformation and failure modes in the matrices with changes in plastic constraint factor : a-b) with change in particle size, c-d) changes in particle volume fraction, e-f) changes in matrix condition and g-h) with formation of AlN Theoretically computed COD as a function of distance behind the crack tip. The critical extension to failure, 2u*, of the matrix ligament is plotted at a distance of 600µm corresponding to precrack length for fracture toughness studies. Schematic of R-curve behaviour observed in the composites with respect to its microstructural characteristics. Table 1 Relative plastic constraint experienced by the matrix as a function of microstructural parameters Table 2 Comparison of calculated and experimentally measured steady state toughness
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